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Abstract
We discuss the reactive sputter deposition of metal oxide nanolaminates on unheated substrates
using four archetypical examples: ZrO2–Al2O3, HfO2–Al2O3, ZrO2–Y2O3, and ZrO2–TiO2.
The pseudobinary bulk phase diagrams corresponding to these nanolaminates represent three
types of interfaces. I. Complete immiscibility (ZrO2–Al2O3 and HfO2–Al2O3). II. Complete
miscibility (ZrO2–Y2O3). III. Limited miscibility without a common end-member lattice
(ZrO2–TiO2). We found that, although reactive sputter deposition is a far-from-equilibrium
process, thermodynamic considerations strongly influence both phase formation within layers
and at interfaces. We show that pseudobinary phase diagrams can be used to predict interfacial
cation mixing in the nanolaminates. However, size effects must be considered to predict specific
structures. In the absence of pseudoepitaxy, size effects play a significant role in determining
the nanocrystalline phases that form within a layer (e.g. tetragonal ZrO2, tetragonal HfO2, and
orthorhombic HfO2) and at interfaces (e.g. monoclinic (Zr, Ti)O2). These phases are not bulk
standard temperature and pressure phases. Their formation is understood in terms of
self-assembly into the lowest energy structure in individual critical nuclei.

1. Introduction

Reactive sputter deposition is widely used for growing single
layer metal oxide films on unheated substrates. Commercial
advantages of reactive sputter deposition over many other
oxide film growth techniques include that it is environmentally
friendly and it can easily be scaled up for large area coverage.
This deposition technique involves growth on a substrate
in contact with a low pressure glow discharge (plasma)
containing oxygen. Atoms and simple molecules are ejected
from a target surface under particle bombardment and travel
through the discharge to the substrate. Growth occurs
under nonequilibrium conditions. The high supersaturation
of adsorbed species cannot be quenched before the arrival
of the next monolayer and only limited surface diffusion
of the sputtered flux and oxygen species is possible on
unheated substrates. Even under these conditions of a high
flux and low growth temperature, oxides that do not have
structural complexity in bulk [1] tend to form crystalline
structures in sputter deposited films [2]. This feature of
certain sputter deposited metal oxides can be combined with a
nanolaminate architecture to grow technologically interesting
nanocrystalline metal oxide phases that cannot be produced in
single layer films.

The fundamental physiochemical issue of metal oxide
nanolaminate growth is that of growth of an overlayer on a
dissimilar oxide under kinetically constrained conditions [3].
Thermodynamics tells us where the system wants to end up
when rate considerations are no longer of consequence. In the
limit of the kinetic constraints imposed by a high arrival flux
and low surface diffusion, a relevant question to ask is how
important thermodynamic considerations are in determining
the phase and structure within an individual layer and at its
interfaces with adjacent layers.

The experimental results presented in this paper show that
thermodynamics plays an important role in phase formation
and in fact allows us to make predictions about the type of
intralayer and interfacial structures formed. In the length scale
of a nanometer, the timescale over which diffusion must occur
to form the thermodynamically favored (i.e. lowest energy)
structure in a just stable critical nucleus is very small. As
discussed by Tromp and Hannon [4], collective phenomena
such as self-assembly in individual critical nuclei become
possible on this timescale.

ZrO2–Al2O3, ZrO2–Y2O3, ZrO2–TiO2, and HfO2–Al2O3

nanolaminates are used for the sake of illustration in this paper.
Of these individual constituents, all but Al2O3, which has
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structural complexity, form intralayer nanocrystalline phases.
Due to the extremely small crystallite size in a nanolaminate
layer, these phases may not be the standard temperature and
pressure (STP) phases found in equilibrium phase diagrams for
the corresponding bulk binary oxides, and are hence termed
‘metastable’. (This term is somewhat of a misnomer, however,
because the structure under question may actually be the stable
structure in a small crystallite of the binary oxide.)

There are several ways in which the nanoscale size of a
crystallite can affect its structure. (I) The finite crystal size
effect considers a balance between the surface and volume
contributions to the Gibbs free energy of formation [5].
As the crystallite size becomes smaller, the ratio of the
surface-to-volume free energy becomes larger, thus effecting
a phase change. (II) The Gibbs–Thomson effect considers
the increased hydrostatic pressure above a curved surface
compared to a flat surface [6]. Hence, high pressure phases
can form in tiny crystallites. (III) A surface dipole repulsion
mechanism results in an expanded lattice and ultimately
a phase change to a structure of higher symmetry with
decreasing crystal size [7]. All of these effects are observed
in nanocrystalline oxides.

Although size effects make it difficult to predict intralayer
binary oxide phases on the basis of bulk binary oxide phase
diagrams, we found that different types of interfaces in
the nanolaminates can be predicted on the basis of bulk
pseudobinary phase diagrams. To illustrate this point, the
four nanolaminates we have chosen as examples have different
propensities for forming mixed cation phases in bulk.

The bulk ambient pressure, temperature–composition
phase diagrams show that the end members of ZrO2–Al2O3 [8]
and HfO2–Al2O3 [9] pseudobinaries are immiscible, and
therefore one might expect no interfacial mixed cation
structures at the nanolaminates of these partners. At the other
extreme, ZrO2 and Y2O3 are mutually soluble and furthermore
share a cubic lattice structure that changes space group from
fluorite to bixbyite (the equilibrium phase of Y2O3) with
increasing Y content over a wide composition range [10–13].
Consequently, a mixed cation cubic structure at a ZrO2–Y2O3

nanolaminate’s interface is predicted.
The bulk temperature–composition ZrO2–TiO2 pseudobi-

nary is more complex than those of the other exemplary
nanolaminates. None of the ambient pressure (Zr, Ti)-oxide
phases share a lattice structure with the ambient pressure
phases of ZrO2 or TiO2 [14–17]. Although thermodynamics
predicts a driving force for the formation of mixed cation com-
pounds and solid solutions with complex superlattice struc-
tures, there is no obvious kinetic path to achieve these struc-
tures in nanolaminates via the formation of an interfacial crys-
talline substitutional solid solution. On this basis, one can pre-
dict the formation of an extended complex mixed cation inter-
facial structure as a means of accommodating changes in sto-
ichiometry [18]. As we shall see in section 3.3, ZrO2–TiO2

nanolaminates also offer a surprise: a high pressure crystalline
monoclinic (Zr, Ti)O2 phase [19–21] stabilized by the Gibbs–
Thomson effect as part of their complex interfaces.

In addition to being of scientific interest, these
nanolaminate systems have technical importance. Bulk ZrO2

at atmospheric pressure crystallizes in three phases with
increasing temperature: monoclinic (m-ZrO2) to ∼1075 ◦C,
tetragonal (t-ZrO2) to 2360 ◦C, and cubic (c-ZrO2) to
the liquidus at 2680 ◦C [8]. Thin films of the high
temperature ZrO2 polymorphs are especially interesting.
Undoped tetragonal ZrO2 is the active component of bulk
transformation-toughening ceramics (TZC), coined ‘ceramic
steel’ by Garvie et al [22] because of their high fracture
toughness. The first TZC films [23–26] were stacks of
alternating nanocrystalline t-ZrO2 and amorphous Al2O3

layers, each several nanometers thick. These ‘smart’
nanolaminates offer excellent active protection against pitting
corrosion of stainless steel compared to passive single
layer or multilayer coatings [27]. The biocompatibility
of TZC films makes them candidates for protection of in-
dwelling biomedical devices in the harsh environment of
bodily fluids [28]. In addition, their combined optical
transparency well into the far ultraviolet spectrum [29, 30],
thermal stability [30], and reasonable hardness [26] make
them candidates for optical coatings in a variety of harsh
environments.

Bulk ‘cubic stabilized ZrO2’ is a family of hard, refractory
materials, stabilized at room temperature by the addition of +3
valence metals, chiefly Y [8]. Yttria-stabilized cubic zirconia
(YSZ) thin films have been traditionally used for hard, highly
transparent, high refractive index optical coatings [31].

ZrO2–TiO2 nanoarchitectured alloys are photoactive ma-
terials. Their photocatalytic [32, 33], photoluminescent [34],
photon-enhanced thermoluminescent [35], and cathodolumi-
nescent [36] behavior has been the subject of sustained re-
search. ZrO2–TiO2 nanolaminates are high optical refractive
index solids [37]. In addition, significant optical absorption in
ZrO2–TiO2 nanolaminates is tunable over the ultraviolet spec-
trum from 3.61 to 5.70 eV by varying the ZrO2/TiO2 ratio in a
bilayer [38].

Thin films of non-monoclinic HfO2 phases are of interest
as a replacement gate dielectric for SiO2 in complementary
metal–oxide–semiconductor devices [39]. Furthermore,
tetragonal HfO2 has also been considered as the active
component in transformation-toughening ceramics based on a
stress-induced t → m transformation [40], analogous to this
phenomenon in ZrO2. As we shall see in section 3.4, non-
monoclinic HfO2 phases can be formed using a HfO2–Al2O3

nanolaminate architecture to truncate HfO2 crystallite growth.
In section 2, we very briefly discuss several basic

factors to consider when using reactive sputter deposition
to reproducibly tailor an oxide structure. The examples
given are from our work using a radio frequency excited
diode sputter deposition apparatus. The considerations we
present, however, are of general concern independent of
the type of reactor used. In section 3, we describe the
intralayer and interfacial characteristics of the exemplary
nanolaminate systems mentioned above. We conclude with
general observations of these systems as archetypes in section 4
and use these observations to predict interfacial and intralayer
structures in several nanolaminates with other oxide partners.
Lastly, we present several future directions for investigation.
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2. Reactive sputter deposition of metal oxides:
several basic considerations

The nanolaminates discussed here are grown by sequential
reactive sputter deposition from metal targets using automated
radio frequency excited diode configuration reactors. The
essential sputtering deposition reactor consists of two
electrodes separated by a small distance. The target is
placed over the cathode. The substrates are placed on the
anode. A high negative potential is applied to the cathode
and a self-sustained discharge or plasma is established [41].
A luminescent field free negative glow fills most of the
region between the electrodes. Physical sputtering occurs
when positive gas ions from the negative glow enter the
cathode sheath, are accelerated in the cathode field and strike
the target surface. Target atoms and small molecules are
ejected primarily by momentum transfer during a collision
cascade [42]. Most of the sputtered species are uncharged,
assume a random motion between the electrodes, and condense
on any surface in their path, e.g. the substrate.

A small amount of O2 introduced into a rare gas discharge
is gettered by the metal target surface and a metal oxide surface
layer forms. However, the ballistic nature of the sputtering
process simultaneously dissociates this reacted target layer.
The state of target oxidation is a dynamic balance between
compound formation and dissociation for a given set of
machine parameters. The sputtered flux in general consists of
target atoms, M, and molecular oxide complexes, MOx , where
x is usually unity [43]. In most cases, further oxidation of the
sputtered flux must occur at the substrate in order to form the
highest valence metal oxide film.

In an rf diode deposition system, two features of the
plasma play a key role in determining phase formation
and orientation in a sputter deposited oxide film: (1) the
relative flux of M and MOx species arriving at the substrate
and (2) oxygen in any form available for reaction at the
substrate [2]. These features depend upon several easily
controllable machine process parameters, namely, the amount
of O2 introduced into a rare gas discharge, the applied cathode
voltage, and the type of rare gas used in conjunction with O2.

‘Phase maps’ guided the selection of deposition parame-
ters used to grow each type of layer. These process parameter–
plasma chemistry–film structure maps were developed for sin-
gle layer metal oxide film growth and used in conjunction with
plasma diagnostics to obtain a desired metal oxide phase inde-
pendent of a specific reactor [43]. For example, figure 1 shows
a phase map for deposition from a Zr target sputtered in Ar–O2

discharges. The observed phases are mapped on process pa-
rameter space (the gas O2 content and applied cathode voltage).
In addition, the set of parameters at which oxygen in any form
is observed in the discharge is indicated by a dashed line. For
a fixed cathode voltage, the solid lines indicate the fractional
flux of Zr, f (Zr), in the plasma where f (Zr) + f (ZrO) = 1.

Figure 1 shows that a large Zr fractional flux and the
absence of oxygen in the discharge for further reaction at
the substrate results in metal films. A small Zr fractional
flux and the absence of oxygen in the discharge results in
ZrO, a suboxide. Data [44] show that the deposition rate

Figure 1. A phase map for deposition from a Zr target sputtered in
Ar–O2 discharges. The observed phases are mapped on process
parameter space (the gas O2 content and applied cathode voltage). In
addition, the set of parameters at which oxygen in any form in
observed in the discharge is indicated by a dashed line. For a fixed
cathode voltage, the solid lines indicate the fractional flux of Zr,
f (Zr), in the plasma where f (Zr) + f (ZrO) = 1.

has not significantly decreased under these conditions, i.e., the
deposition is still in ‘metallic mode.’ However in an rf diode
system, the formation of the highest valency oxide, ZrO2, is
associated with a small or vanishing Zr fractional flux and
excess O in the discharge. This result applies to other metal–
oxygen systems as well, regardless of whether a metal or
oxide target is used [2]. In addition, films grown under these
conditions are likely to have individual crystallites in their
low energy configuration. Namely, in the absence of strong
adatom–substrate interaction, the closest-packed crystal planes
of a crystallite grow parallel to the growth interface [45].

Although not observed in the Zr–O phase map, in some
cases (i.e. the Y–O phase map [2, 43]) both a large metal
flux and excess oxygen are observed in the discharge. In this
situation, the resulting films are likely to have orientational
and/or compositional disorder.

3. Examples of sputter deposited metal oxide
nanolaminates

3.1. ZrO2–Al2O3 nanolaminates

Our initial motivation for studying ZrO2–Al2O3 nanolaminates
was to fabricate a smart transformation-toughening coating.
Transformation-toughening in bulk ZrO2 is based on the
principle that an advancing crack triggers a local t → m ZrO2

transformation at its tip. As a consequence, a defect structure
is set up at the crack tip that hinders further crack growth [8].
In order to be transformation-toughening, a ZrO2 film must
have a large volume fraction of t-ZrO2 nanocrystallites that will
locally transform in response to localized stress [23].

A phase map of the sputter deposited Zr–O system
(figure 1) shows that single layer ZrO2 films contain either the
monoclinic phase or are biphasic, containing both monoclinic
and tetragonal phases. In biphasic films, t-ZrO2 formation
is associated with small crystallites. We surmised that
‘pure’ t-ZrO2 (without m-ZrO2) could be captured by limiting
crystallite growth. To this end, we used a nanolaminate
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Figure 2. The average t-ZrO2 and m-ZrO2 crystallite dimension
perpendicular to the substrate as a function of ZrO2 layer thickness in
ZrO2–Al2O3 nanolaminates [26].

structure of ZrO2 and amorphous Al2O3. The Al2O3 layers
served two purposes: first as ZrO2 growth truncation and
restart surfaces, and second as a mechanical constraint on the
‘softer’ ZrO2 layers at the time of a t → m ZrO2 during film
service.

Double angle x-ray diffraction (XRD) showed that the
ZrO2 phase composition changed from solely t-ZrO2 to
t + m-ZrO2 with increasing ZrO2 layer thickness in the
nanolaminates [24]. The films were textured such that t-ZrO2

{111} and m-ZrO2 (111̄) planes (when present) grew parallel
to the substrate. These are the closest-packed orientations,
and are expected when there is weak adsorbate–substrate
interaction compared to the interaction among adsorbed
species [45]. Figure 2 shows the average t-ZrO2(〈r(t)〉)
and m-ZrO2 (〈r(m)〉) crystallite size in the growth direction,
calculated from x-ray diffraction line broadening, as a function
of ZrO2 layer thickness [25, 26]. We see that 〈r(t)〉 saturates
at 6.0 ± 0.2 nm, whereas 〈r(m)〉 continues to increase as a
function of ZrO2 layer thickness.

The behavior shown in figure 2 is consistent with a finite
crystal size effect in which t-ZrO2 crystallites initially form and
subsequently transform to m-ZrO2 as they grow beyond 6 nm.
The Gibbs free energy accompanying a t → m ZrO2 growth
transformation is given by

�G = Ar 3�g + Br 2�γ, (1)

where �g is the change in volume free energy, �γ is the
change in surface free energy, r is a characteristic dimension
of the crystallite, and A and B are geometric factors describing
the crystallite’s shape. At the point of transformation,
�G = 0, and the corresponding critical dimension, r =
rc can be calculated from a balance of the volume and
surface energy terms. High resolution transmission electron
microscopy (HRTEM) showed that ZrO2 crystallites were
approximately rectangular in shape with a height r in the
growth direction and a base 2r in the substrate plane [26]. For
this geometry, an end-point thermodynamics calculation yields

rc = 3.79[1 − (T/1448 K)]−1 (nm) [25, 26]. A value of rc =
6.2 nm is obtained for T = 564 K (the growth temperature), in
excellent agreement with the XRD data in figure 2.

The above results demonstrate that solely t-ZrO2 is
produced when the ZrO2 layer thickness is �rc. Now consider
the transformation-toughening behavior of such a ZrO2–Al2O3

nanolaminate. Figure 3 is a digitized HRTEM image of
several layers adjacent to the substrate showing four ZrO2

crystallites in various stages of t → m transformation due to
the mechanical abuse during HRTEM preparation [46]. t(111)
planes were aligned parallel to the substrate, whereas m(111̄)

planes were tilted by ∼9◦, indicating an out-of-plane rotation,
which is the signature of a t-ZrO2 crystallite undergoing a
stress-induced transformation. However, unlike the product
of a growth transformation, examination of many crystallites
showed that the stress transformation product was highly
distorted.

Electron beam irradiation experiments [47] showed
significant superplasticity, manifested by ‘adjustments’ in t-
ZrO2 interplanar spacings and angles. Figure 4 shows a t-
ZrO2 crystallite in which a transformation has been initiated
by a mild dose of irradiation. Note that the surrounding
Al2O3 layers are intact. Figure 5 shows the lattice spacing
of crystallites as a function of electron beam dose, indicating
that plastic deformation continued within t-ZrO2 layers as
the dose was increased. In fact, only under radiation
conditions severe enough to punch holes in the Al2O3 layers
did a transformation to the expected values for interplanar
spacing of m-ZrO2 occur. This nanoscale superplasticity of
t-ZrO2 in ZrO2–Al2O3 nanolaminates is very different from
the martensitic transformation-toughening mechanism of the
corresponding bulk ceramic material [8].

3.2. ZrO2–Y2O3 nanolaminates

The standard temperature and pressure (STP) phase of Y2O3

has cubic bixbyite lattice structure [10–13]. There are two
nonequivalent positions for Y in the Y2O3 unit cell. A phase
map for the Y–O system indicates the plasma characteristics for
which site-ordered Y2O3 is grown [2, 43]. Process parameters
that produce these characteristics were chosen here to produce
site-ordered nanocrystallites in the Y2O3 layers. The idea
was to use these Y2O3 nanocrystallites as templates for c-
ZrO2 growth, i.e. to produce nanolaminates with nanoepitaxial
pseudomorphic c-ZrO2 layers assisted by interfacial YZO
formation.

Films on fused SiO2 in which the nominal ZrO2 layer
thickness, X , ranged from 4 to 30 nm and the nominal Y2O3

(template) layer thickness was held constant at 4 nm were
studied by XRD and HREM [48]. The first layer adjacent
to the substrate was c-Y2O3. Two major peaks, denoted I
and II, were observed from XRD data. Figure 6(a) shows the
interplanar spacing corresponding to these peaks as a function
of the nominal ZrO2 layer thickness. Peak I is present in films
with X from 4 to 18 nm. The lattice spacing corresponding to
peak I lies between that of (111) t-ZrO2 planes and (222) c-
Y2O3 planes. We conclude that the structure responsible for
peak I is c-(ZYO). Peak II is present in films with X from
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Figure 3. Digitized HRTEM image of several layers adjacent to the substrate showing four ZrO2 crystallites in various stages of
transformation due to the mechanical abuse during HRTEM preparation [47].

Figure 4. Digitized HRTEM image with diffractogram of a single
t-ZrO2 crystallite that is beginning to transform after being subjected
to a mild dose of electron beam irradiation [47].

12 to 30 nm. The lattice spacing corresponding to peak II
is identical to that of the (111̄) planes of m-ZrO2. Another
point seen from figure 6(a) is that m-ZrO2 does not form in
small crystallites, consistent with the results from ZrO2–Al2O3

nanolaminates discussed above.
The average crystallite size, 〈r〉, of cubic and monoclinic

crystallites perpendicular to the substrate determined from
XRD line broadening is shown as a function of X in figure 6(b).
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Electron Dose [nC/nm2]

Figure 5. Lattice spacing of crystallites in 5 nm thick ZrO2 layers as
a function of electron beam dose [47].

A dashed line indicates the values that would have been
obtained if the average crystallite size equaled the ZrO2 layer
thickness. A striking feature about these data is that 〈r(c)〉
is greater than X for X = 4–6 nm. These data show
that for small bilayer periodicity a c-(Zr, Y) oxide crystallite
spans several layers before renucleation events occur. Cross-
sectional HREM images concur with this conclusion.
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Figure 6. (a) Interplanar spacing of (111) c-(Zr,Y)-oxide and (111̄)
m ZrO2 as a function of ZrO2 layer thickness in ZrO2–Y2O3

nanolaminates on fused SiO2 substrates. (b) Average c-ZrO2 and
m-ZrO2 crystallite dimension perpendicular to the substrate as a
function of ZrO2 layer thickness in ZrO2–Y2O3 nanolaminates.
A diagonal line indicates a crystallite size equal to the ZrO2 layer
thickness.

3.3. ZrO2–TiO2 nanolaminates

ZrO2–TiO2 nanolaminates with different overall chemistry are
good candidates for a family of films with high transparency, a
large dielectric constant, and with an optical absorption edge
that is tunable across much of the ultraviolet spectrum. In
such a structure, tailored optical absorption can potentially be
achieved though changes in bilayer architecture. The onset
of optical absorption in the end members was experimentally
determined to be ∼5 eV for ZrO2 polymorphs [29, 49–51]
and ∼3 eV for TiO2 polymorphs [52]. The absorption onset
of pseudobinary (ZrO2)x–(TiO2)1−x structures with different
stoichiometry could therefore conceivably span an ultraviolet
wavelength range from 248 to 414 nm. In addition, Zr
and Ti atoms have the same electronegativity, 1.6 [53],
and also form do oxides (ZrO2 and TiO2) with isovalent
cations, Zr+4 and Ti+4. This electronic similarity theoretically
permits the substitution of one cation for the other in dilute
solution [54, 55] with minimal electronic disturbances at a
nanolaminate interface.

Although ZrO2 and TiO2 are electronically compatible,
there is a potential complication when combining them in
an engineered structure. There is a large difference in
the ionic radii of Ti+4 (0.68 Å) and Zr+4 (0.80 Å) [56].

Consequently, ambient pressure ZrO2 and TiO2 crystals
do not share a common lattice structure. So although
bulk thermodynamic considerations indicate a driving force
for chemical mixing [14–17], there is no obvious kinetic
path to achieve it via formation of an extensive crystalline
substitutional solid solution (i.e. Zrx Ti(1−x)O2 where 0 � x �
1 with a single lattice type does not form).

We previously reported that the optical absorption
coefficient, α(E), of a series of ZrO2–TiO2 nanolaminates
does indeed systematically change as a function of bilayer
architecture [38]. However, the results could not be adequately
explained by either an amalgamation model, which involves
formation of a continuous ZrxTi(1−x)O2 solid solution, or a
persistence model, which involves complete phase separation
to form a (ZrO2)x –(TiO2)(1−x) mixture [57]. Instead, we
developed a microscopic model that takes into account Zr–
O–Ti linkages adjacent to an extended interfacial region. In
this sense, ZrO2–TiO2 nanolaminates are archetypical of other
oxide partners with important optical behavior, in which there
is neither complete miscibility nor immiscibility of the end
members.

To understand the complex nature of interfaces in
ZrO2–TiO2 nanolaminates, we next focus on the behavior of
two architectures with ultrathin bilayers: (A) 1.5 nm ZrO2–
1.5 nm TiO2 and (B) 4.0 nm ZrO2–1.5 nm TiO2. Architecture
A did not yield XRD peaks. Architecture B showed a major
peak attributed to diffraction from the (111̄) planes of an
extensive monoclinic (ZrTi)O2 solid solution. This structure,
reported in thin films in [58] for the first time, is isomorphic
with m-TiO2, that naturally occurs in rocks [19, 20], and m-
ZrTiO4, that is produced by applying high hydrostatic pressure
to orthorhombic ZrTiO4 powder [21].

The Raman spectra of architectures A and B is shown
in figure 7 [38, 58]. In addition to features associated with
short range order in rutile TiO2, these spectra show several
important non-rutile features. (1) All features between 700
and 900 cm−1 not assigned to rutile TiO2 are attributable only
to Zr–O–Ti bonding and not to any ambient or high pressure
ZrO2 or TiO2 phase [58–61]. These features include the
slightly elevated background in architecture A and the broad
peak in architecture B above 700 cm−1 with local maxima at
800 and 875 cm−1. These local maxima are characteristic of
α-PbO2 type orthorhombic (Zr, Ti)O2 [61]. (2) The shoulder
at 180 cm−1 in architecture B is attributed to short range order
in m-(Zr, Ti)O2, which is isostructural with m-ZrO2 [62].

These results are consistent with a complex and extended
structure at a ZrO2-on-TiO2 interface in the nanolaminates
to accommodate chemical mixing without the path of
heteroepitaxy observed in ZrO2–Y2O3 nanolaminates. This
structure, shown schematically in figure 8, consists of several
components: a nanocrystalline TiO2 phase based on a defect
rutile structure expected to form in pure TiO2 for the given
deposition conditions [61, 62] but here doped with Zr, followed
by an amorphous Zr,Ti oxide phase with yet-to-be determined
short range order (architecture A), followed by an amorphous
phase with α-PbO2 type short range order, followed by an
extensive crystalline m-(Zr, Ti)O2 solid solution (architecture
B). Films with ZrO2 layer thickness greater than the 4 nm

6
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Figure 7. Raman spectra of ZrO2–TiO2 nanolaminates and a 7 nm thick TiO2 monolithic film [58].

Figure 8. A schematic drawing of the development of an interfacial
structure as Zr flux is deposited on a TiO2 underlayer. The notation
‘r-TiO2:Zr’ indicates that the TiO2 layer with rutile short range
atomic order has received some Zr doping as a result of cation
mixing, and ‘a-(Zr,Ti)O2’ and ‘m-(Zr, Ti)O2’ are, respectively,
amorphous and crystalline mixed cation structures. The nominal
interface is indicated by a dashed line [58].

architecture B first form t-ZrO2 or c-ZrO2 nanocrystallites
(which cannot unambiguously be distinguished in this case)
on top of the m(Zr, Ti)O2 component and ultimately form m-
ZrO2.

Diffusional amorphization with subsequent recrystalliza-
tion provides a mechanism for the amorphous then crystalline
nature of the interface. This mechanism was first identified
in metallic bilayers [63, 64]. An important feature is that the
amorphous layer created by asymmetric diffusion across the in-
terface is self-limiting in thickness, as observed in architecture
B, because its growth rate ultimately competes with the hetero-
geneous nucleation and growth of a crystalline phase, which in
this case is m-(Zr, Ti)O2.

Figure 9. XRD patterns of the HfO2–Al2O3 films (architectures
given in table 1) on fused silica substrates and a bare substrate (S).
The dashed arrow indicates the position of the m(111̄) peak centroid.
Solid arrows indicate the position for m{111̄}, m{111}, t{111}, and
c{111} planes in bulk HfO2 [72].

The unexpected feature at a ZrO2-on-TiO2 interface is
nanocrystalline m-(Zr, Ti)O2 with a crystallite size in the
growth direction on the order of a nanometer calculated from
XRD line broadening. The formation of this high pressure
phase can be understood in terms of the Gibbs–Thomson
effect [6], i.e. vapor pressure enhancement, p/po, above a
crystallite of radius r , given by

p/po = exp(2γ�/rkT ), (2)

where γ is the surface energy and � is the volume of
a (Zr, Ti)O2 unit, k is Boltzmann’s constant, and T is
absolute temperature. The m-(Zr, Ti)O2 crystallites (whose
precise chemistry is undetermined) were estimated to have a
dimension of 1.25 nm in the growth direction in architecture

7
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Table 1. Architecture of HfO2–Al2O3 nanolaminates. (Note: all
architectures are 0.6HfO2–0.4Al2O3 by volume.)

Film
HfO2/Al2O3 layer
thickness (nm)

No of HfO2/
Al2O3 layers

Film thickness
(nm)

A 7.3/5.2 20/19 245
B 10.2/7.3 16/15 273
C 14.5/10.4 10/9 239

B [38, 58]. A calculation shows that a pressure range of 5–
70 GPa corresponds to the stoichiometric endpoints from TiO2

to ZrO2 for a cluster of this size [38, 58].
So far we have not discussed cation mixing at a TiO2-on-

ZrO2 interface. Given the ballistic nature of sputter deposition
coupled with the thermodynamic driving force for forming
zirconium titanium oxides, some amount of diffusion of an
arriving Ti-bearing flux into an underlying ZrO2 layer is
expected. However, low temperature post-deposition annealing
studies of both a single ZrO2–TiO2 bilayer [65] and ZrO2–TiO2

nanolaminates [66] show that the formation of an interfacial
amorphous (Zr, Ti)O2 alloy is chiefly due to diffusion of Zr
into TiO2, not by diffusion of Ti into ZrO2.

3.4. HfO2–Al2O3 nanolaminate

ZrO2 and HfO2 are called ‘sister’ materials because of
their similar crystal structure and phase evolution path with
increasing temperature and pressure [67]. Bulk HfO2

at atmospheric pressure crystallizes in three phases with
increasing temperature: monoclinic to 2000 K, tetragonal to
2870 K, and cubic to the compound’s melting temperature at
3073 K [9, 67, 68]. In addition, bulk monoclinic (m) HfO2

transforms to a sequence of orthorhombic (o) phases with
increasing pressure [67–70].

Relatively thick (∼200–400 nm) HfO2 films grown at
room temperature by reactive sputter deposition contain solely
m-HfO2 [71]. An important question is whether m-HfO2 is
the nucleated phase, or, as in the case of ZrO2, it is the
transformation product of a nucleated non-monoclinic phase
that has grown beyond a critical size. To this end, we
used a nanolaminate architecture with amorphous Al2O3 as
HfO2 growth termination and restart layers to capture the
initial stages of sputter deposited HfO2 crystallite growth [72].
By analogy with ZrO2–Al2O3 nanolaminates (section 3.1)
we surmised it was possible to capture these initial stages
between two Al2O3 layers because the bulk phase diagram of
HfO2–Al2O3 shows very limited mutual solid solubility [9].

HfO2–Al2O3 nanolaminates were grown on unheated
fused SiO2 and the surface oxide of 〈111〉 Si, and their structure
was studied by XRD and HREM [72]. Figure 9 shows the
conventional XRD patterns obtained from the HfO2–Al2O3

nanolaminates whose architecture is given in table 1. From
these data, it can be seen that diffraction from m-HfO2

decreased and diffraction from non-monoclinic HfO2 phases
increased with decreasing HfO2 layer thickness, consistent
with some kind of size effect.

HRTEM was used to study nanolaminate A, with 19
bilayers of 7.3 nm HfO2/5.2 nm Al2O3 [70]. (Note that

A

6

A

1

2 nm

B

A

B A

5

4

6

1

2

3

C

m
(11-1)

m(1-1-1)
(a)

(b)

Figure 10. High magnification cross-section image of HfO2

nanocrystallites embedded between two amorphous Al2O3 layers in a
HfO2–Al2O3 nanolaminate with 19 bilayers of 7.3 nm HfO2/5.2 nm
Al2O3. (b) Diffractograms of boxed image areas A (t-HfO2) and B
(m–o polysynthetic twin) [72].

this film shows no discernable peaks in a conventional XRD
scan (figure 9) and the HfO2 constituent might be mistaken
to be amorphous.) However, figure 10(a) is a HRTEM image
showing lattice fringes of three nanocrystals. Diffractograms
of the two larger nanocrystals, calculated from the boxed areas
A and B, are shown in figure 10(b).

The three sets of lattice fringes in area A corresponding
to spots 1–3 are assigned to t-HfO2 on the basis of spacings
and interplanar angles. The tetragonal phase was the nucleated
structure in ZrO2, as well. Area B tells a different story.
Spot 4 is assigned to the {111} planes of o-HfO2 with a
Pbca space group, a high pressure phase obtained in bulk by
compressing m-HfO2 at 4 GPa [68–70]. This phase has been
unambiguously identified by Bohra et al [73] in HfO2 films
grown by atomic layer deposition and subsequently annealed
at 1073 K. Spots 4 and 5 and spots 4 and 6 form a twinned
monoclinic bicrystal with a (100) composition plane and a
topology shown schematically in figure 11. In this scenario,
the planes associated with spot 4 behave as m(111̄) planes,
albeit with the spacing of o(111). The interplanar angle
between m(111) twin planes [74] is the sum of φo211,−211

and 2(β − π/2), where β = 99.23◦ for m-HfO2, yielding

8
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Figure 11. Schematic drawing of the relationship between an
m-HfO2 polysynthetic twin with an m(100) composition plane and
the o-HfO2 Pbca space group unit cell from which it is derived.
(a) The o unit cell divided into two sections along the a axis by the
o(200) plane. (b) Formation of a polysynthetic twin from sections I
and II. The composition plane o(200)/m(100) and the bo/m and co/m

axes are invariant. (c) Projection along the (020) plane of the o lattice
and the m twin showing angular relationships involved in the
transformation (after [72]).

φm111,111(twin) = 45.9◦. φm111,111(twin) is reasonably close to the
observed value of 51◦ (figure 11). Ohtaka et al [69] have shown
that o-HfO2 with a Pbca space group structure is closely
related to the monoclinic P21/c space group via a twinning
operation of the latter. From the above analysis, we suggest
that area B is in the process of undergoing the reverse of the
m → o transition described by Ohtaka et al [69]. However,
it is uncertain whether this transition has occurred during film
growth or whether it is the result of the extreme stress the film
experiences during HRTEM sample preparation.

Crystallite C has dhkl = 0.312 nm, which is very close
to dm{111̄} = 0.315 nm. The fringes of crystallite C make an

angle of 75◦ with those associated with spot 4 in area B. This
angle, marked on the HRTEM image, is equal to the calculated
value of φm111̄,11̄1̄. We therefore conclude that crystallite C
is a monoclinic outgrowth of the underlying region B, which
contains both characteristics of o-HfO2 and (twinned) m-HfO2.

A comparison of the pre-monoclinic phases in ZrO2 and
HfO2 shows that the high temperature tetragonal phase is
initially formed in both oxides. (An end-point thermodynamics
calculation cannot be carried out to quantify rc for the t → m
transformation in HfO2 because the appropriate energy terms
are unknown.) However, the formation of o-HfO2 as an initial
phase in addition to t-HfO2 is a striking difference between
ZrO2 and HfO2. One might surmise that o-HfO2 phase
formation is a manifestation of the Gibbs–Thomson effect,
but again there is insufficient surface energy information for
a supporting calculation. Lastly, it should be noted that the
extent to which subtle differences in ZrO2 and HfO2 electronic
structure [75] may play a role in the formation of the initial
phases is unknown. The calculated energies/atom of the
orthorhombic (Pbca) and monoclinic phases are considerably
closer in HfO2 than in ZrO2, perhaps providing an additional
structure for HfO2 to access as an initial phase, along with
t-HfO2.

4. Summary and future directions

In describing reactive sputter deposition of metal oxide
nanolaminates, we have for the sake of illustration focused
on four archetypical examples involving crystalline nanostruc-
tures. We found that, although reactive sputter deposition is
a far-from-equilibrium process, thermodynamic considerations
strongly influence both phase formation within layers and at in-
terfaces.

The following general observations are made from the
results and discussion presented above.

(1) The pseudobinary bulk phase diagrams correspond-
ing to the nanolaminates used as examples represent
three types of interfaces. (I) Complete immiscibility
(ZrO2–Al2O3 and HfO2–Al2O3). (II) Complete miscibil-
ity (ZrO2–Y2O3). (III) Limited miscibility without a com-
mon end-member lattice (ZrO2–TiO2). These pseudobi-
nary phase diagrams can be used to predict the formation
of interfacial mixed cation structures in the nanolaminates
(e.g. YZO in ZrO2–Y2O3 nanolaminates, and the complex
(Zr,Ti)-oxide structure in ZrO2–TiO2 nanolaminates).

(2) In the absence of nanoepitaxy (pseudomorphic or
templated growth), size effects play a significant role in
determining the nanocrystalline phases that form within a
layer (e.g. t-ZrO2, t-HfO2, and o-HfO2) and at interfaces
(e.g. m-(Zr, Ti)O2). The formation of these phases can
be understood in terms of self-assembly into the lowest
energy structure in individual critical nuclei.

One future direction is to use these observations to predict
the structure of nanolaminates of other oxide partners. For
example, consider other combinations of group IVB oxides.
ZrO2 and HfO2 are completely miscible and isomorphic in
lattice structure [67, 70, 76]. Therefore, type II interfaces are
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expected to form in a ZrO2–HfO2 nanolaminate. In addition,
we have shown that the tetragonal phase is the sole structure
formed in small ZrO2 crystallites grown on a physically
dissimilar layer (Al2O3). A bilayer unit in a ZrO2–HfO2

nanolaminate might therefore consist of a t-ZrO2 template
layer followed by a nanoepitaxial t-HfO2 layer (analogous
to templated c-ZYO growth in ZrO2–Y2O3 nanolaminates).
The t-ZrO2 layer would have the function of selecting t-HfO2

and squelching growth of the o-HfO2 phase that is observed
along with t-HfO2 in HfO2–Al2O3 nanolaminates. ZrO2–HfO2

nanolaminates would also have an additional advantage over
HfO2–Al2O3 nanolaminates because they have both a higher
refractive index and a higher dielectric constant.

The bulk pseudobinary HfO2–TiO2 phase diagram [77] is
similar to that of ZrO2–TiO2 discussed in section 3.3. Type
III interfaces with extended interfacial mixing are therefore
expected to form in HfO2–TiO2 nanolaminates. Lynch et al
[21] identified an m-(Hf,Ti)O2 phase in bulk composites at
elevated pressure. A challenge is to produce this phase in
HfO2–TiO2, analogous to (Zr, Ti)O2 formation in ZrO2–TiO2

nanolaminates due to the Gibbs–Thomson effect.
A second future direction is to better understand mixed

cation phase evolution in the case of type III interfaces from
a viewpoint of forming a sequence of low energy structures
with the constraint of limited diffusion along the growth
direction (perpendicular to the substrate). For example, Raman
spectroscopy data (section 3.3) showed that the short range
order at a ZrO2-on-TiO2 surface was characteristic of the
following mixed cation (Zr,Ti)-oxide phases (space groups)
with increasing Zr flux: rutile (P42/mnm) → columbite
(Pbcn) → baddelyite (P21/c) [78]. The point groups
associated with these space groups are directly connected: C2h

(baddelyite) → D2h (columbite) → D4h (rutile) [78]. The
bulk pseudobinary diagrams of type III interfaces predict that
mixed cation structures will form but they do not tell us what
their structure is. A question is how we use space group–
subgroup relationships to understand (and therefore design)
type III interfaces. A similar question was considered by
Dubrovinskaia et al with respect to phase evolution of Group
IVB binary oxides under pressure [19].
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